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Thermal stability of a PCS-derived SiC fibre
with a low oxygen content (Hi-Nicalon)
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The oxygen free Si—C fibre (Hi-Nicalon) consists of b-SiC nanocrystals (B5 nm) and stacked

carbon layers of 2—3 nm in extension, in the form of carbon network along the fibre. This

microstructure gives rise to a high density, tensile strength, stiffness and electrical

conductivity. With respect to a Si—C—O fibre (Nicalon NL202), the Si—C fibres have a much

greater thermal stability owing to the absence of the unstable SiOxCy phase. Despite its high

chemical stability, it is nevertheless subject to a slight structural evolution at high

temperatures of both SiC and free carbon phases, beginning at pyrolysis temperatures in the

range 1200—1400°C and improving with increasing pyrolysis temperature and annealing

time. A moderate superficial decomposition is also observed beyond 1400 °C, in the form of

a carbon enriched layer whose thickness increases as the pyrolysis temperature and

annealing time are raised. The strength reduction at ambient for pyrolysis temperatures

below 1600 °C could be caused by SiC coarsening or superficial degradation. Si—C fibres

have a good oxidation resistance up to 1400 °C, due to the formation of a protective silica

layer.
1. Introduction
Silicon carbide fibres are one of the most promising
refractory fibres for ceramic matrix composites
(CMC’s) for high temperature applications in oxidiz-
ing atmospheres. In fact, silicon carbide combines (i)
excellent mechanical properties up to 1500 °C, such as
high strength, stiffness and creep resistance, because of
the strength of the Si—C covalent bond and (ii) a rather
good oxidation resistance, owing to the formation of
a protective silica layer. SiC fibres were first prepared
by chemical vapour deposition (CVD). However,
these fibres, produced from chemically-deposited SiC
on a substrate core, are too large in diameter
(100—150 lm) and too stiff to be weavable and their
high manufacturing cost precludes volume applica-
tions.

In 1975 a breakthrough in SiC fibres production
technology was achieved by Yajima et al. [1, 2]. Their
approach to prepare small diameter continuous fibres
involved the spinning of molten polycarbosilane
(PCS), the oxygen-curing of the green filaments to
make them infusible and their pyrolysis conversion
into SiC-based ceramic fibres [1—4]. These fibres are
now sold by Nippon Carbon Japan under the
tradename Nicalon and they are extensively used for
reinforcing polymers, metals, glass and ceramic com-

posites. Nicalon fibres are thermodynamically unsta-

0022—2461 ( 1997 Chapman & Hall
ble at high temperatures. This is because the fibre is
not composed of pure polycrystalline SiC but instead
it consists of small b-SiC crystals (B2 nm), free carbon
and a SiO

9
C

:
intergranular amorphous material

[5—7]. This oxycarbide phase undergoes decomposi-
tion above 1100 °C with an evolution of silicon and
carbon monoxides which is accompanied by a SiC
grain growth [8—16]. This thermal instability results in
a degradation of the strength and Young’s modulus
and limits the maximum temperature of application of
the Si—C—O fibres [13—16].

In order to improve the thermal stability of ceramic
fibres derived from organosilicon polymers, new
routes have been investigated. One approach consists
of the introduction of heteroatoms (Ti, N, 2) in the
ceramic precursor to prevent the SiC crystallization
by moving the decomposition temperature towards
higher temperatures [17—22]. However, whilst
Si—C—N—O and Si—C—Ti—O fibres exhibit a slightly
improved thermal stability they are still thermo-
dynamically unstable, since the oxygen curing leads,
after pyrolysis, to a silicon oxycarbide (or oxycarbo-
nitride) phase, which undergoes decomposition in the
1200—1400 °C temperature range.

A more promising route is lowering the oxygen con-
tent by means of an oxygen-free curing process. The

fibres are expected to be much more heat-resistant,
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owing to the well-known stability of Si—C (with C:
Si(at.) *1) binary mixtures.

SiC-based fibres (Si—C) with a low oxygen content
((2 wt %) were prepared by the dry spinning of
a high molecular weight PCS solution and subsequent
pyrolysis [23]. These fibres displayed a better thermal
stability than the Si—C—O Nicalon fibres, i.e., a lower
weight loss and a higher residual strength after heat-
treatment in argon.

Si—C fibres were also prepared using a chemical
vapour curing (CVC) of PCS with unsatured hydro-
carbon vapours [24]. These fibres also exhibit a lower
weight loss, a better strength retention and a lower
grain growth than their oxygen-cured counterparts.

Another original processing route for Si—C fibres
has been recently proposed by Lipowitz et al. [25—28].
The melt-spun PCS fibres were oxidatively cross-
linked with a mixture of NO

2
and BCl

3
and sub-

sequently pyrolysed. Despite some SiC-grain growth
and a CO evolution during pyrolysis, dense near-
stoichiometric Si—C fibres containing only a few per
cent of boron were obtained after firing at temper-
atures '1600 °C in argon. This approach can be
considered to be similar to conventional sintering
(boron being a well known sintering aid for SiC). The
fibres have a high strength (rR), stiffness (E) and den-
sity (close to those of pure SiC) and consist of rela-
tively large b-SiC crystallites, 30—40 nm in size. Lim-
ited strength and microstructural change have been
observed after a 12 h thermal ageing at 1800 °C.

Finally PCS-derived fibres have been prepared ac-
cording to an electron beam irradiation curing pro-
cess. They have a very low oxygen content
((0.5 at%) and are reported to retain excellent prop-
erties after high temperature heat treatments [29—33].
These fibres are to be commercially available as spools
of continuous yarns in the near future.

The aim of this study was to develop a better under-
standing of the chemical, microstructural and mech-
anical properties of these fibres as a function of the
heat-treatment temperature (HTT).

2. Experimental procedure
2.1. Materials
The Si—C fibres used in these experiments are ‘‘Hi-
Nicalon’’ fibres manufactured by Nippon Carbon,
Japan. Two batches in the form of tows of approxim-
ately 250 filaments were received at different times and
finally a spool of continuous fibres coated with poly-
vinyl acetate (PVA) sizing was provided. Preliminary
analysis and characterization tests of the first two
batches were performed before a wider study on the
third batch was attempted. Chemical analysis by elec-
tron probe micro analysis (EPMA) and structural
analysis by transmission electron microscopy (TEM)
on the fibres showed no significant difference between
the three samples. Conversely, the surface analysis of
the first two batches revealed a rather thick (50 nm)
oxygen and carbon enriched layer and a rough sur-
face, whereas the fibres from the third batch had
a smooth surface and a much thinner oxygen-rich

layer (B5 nm). No significant differences in the mech-
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anical behaviour (rR, E) at ambient temperature was
noticed between the fibres. Most of the characteriza-
tion tests were applied to the third batch.

The PVA sizing of the as-received fibres was
removed before analysis. Since classical desizing
methods (dissolution by acetone and ethanol
mixture or boiling water) were unsuccessful, a short
oxidizing treatment in air (3 min at 600 °C) was
performed in order to fully remove the organic coat-
ing.

2.1.1. Annealing treatments
Annealing treatments were performed at increasing
HTT with a high-temperature pyrolysis apparatus
which was composed of a graphite crucible heated
with a radio frequency coil. The samples were rapidly
heated (30 °C min~1) and maintained at a given
temperature ¹

1
(1200(¹

1
(2000 °C) under a static

high-purity argon atmosphere (100 kPa) for time peri-
ods of t

1
(1h(t

1
(10h). The Argon used was grade

N56 from Alphagaz.

2.2. Characterization techniques
The morphology of the fibres was studied by scanning
electron microscopy (SEM) using a Jeol 840S micro-
scope. Elemental analyses were performed on polished
cross-sections by electron probe microanalysis
(EPMA) using a cameca camebax 75 model in the
wave length dispersion mode thallium and phthlate
(TAP) crystal for Si Ka and a multilayer pseudo-
crystal PCII for (C Ka and O Ka) with standards (SiC
and SiO

2
) whose compositions were assumed to be

stoichiometric. It should be noted that the hydrogen
content of the samples cannot be assessed by EPMA.
Chemical analysis of the as-received fibres were also
investigated using conventional procedures at the ser-
vice central d’Analyse at CNRS, Vernaison, France.

Auger electron spectroscopy (AES) characterization
was performed with a scanning microprobe (Physical
Electronics model PHI 5905 AM) equipped with an
Ar` sputtering gun. The variations of the intensities
(peak to peak mode) of the Auger electron peaks
(Si-LVV; C-KLL and O-KLL) as a function of the
sputtering time were used to draw semiquantitative
composition—depth profiles from sample surface (sput-
tering rate reference: Ta

2
O

5
).

The hydrogen concentration of the fibres was as-
sessed by elastic recoil detection analysis (ERDA). The
samples were irradiated with an incident high energy
He` beam (2.3 MeV) and the spectrum of the elastic
recoil ions was recorded as a function of the depth of
the nuclear collisions. From this data it was possible
to obtain a quantitative hydrogen concentration—
depth profile in the sample.

The structure of the monofilaments was studied at
the nanometer scale by high resolution transmission
electron microscopy (TEM) using a Philips EM400
microscope. The samples were embedded in an epoxy
resin and cut into thin foils with an ultramicrotom.
The foils were then set on copper microgrids. The

TEM analyses were performed in the bright field (BF),



dark field (DF), lattice fringe (LF) and selected area
diffraction (SAD) modes.

The X-ray diffraction (XRD) spectra (Cu-Ka) were
recorded using a Siemens D5000 diffractometer for
a tow of fibres that had been successively heat-treated
at pyrolysis temperatures of 1200, 1400, 1500, 1600 °C
for 1 h and 1600 °C for 10 h, and from a second tow
heated at 1800 and 2000 °C for 1 h. The axis of the tow
was perpendicular to the plane defined by the incident
and diffracted X ray beams. The apparent mean grain
size (¸) of the b-SiC crystalline phase present in the
samples was calculated from the width (D) of the (111),
(220) and (311) diffraction peaks at midheight, accord-
ing to the Scherrer equation:

¸"Kk/Dcosh (1)

where K is a constant (taken as 1), k the CuKa

wavelength (i.e., k"0.154 nm) and h the Bragg angle
(h"17.8° for b-SiC (111)).

The structural change in the pyrolysed filaments as
a function of pyrolysis temperature was also investi-
gated using Raman spectroscopy microanalysis
(RSMA) OMARS 89 from Dilor with as a laser source
Ar`, k"514.53 nm, 100 mW, lateral resolution:
1 lm). Analyses were performed either in the middle of
the fracture surface or longitudinally, on the fibre
surface. Si—C—O (Nicalon) fibres were also analysed as
a reference.

Solid state 29Si and 13C nuclear magnetic resonance
(NMR) analyses were performed on powder samples
for the as-received and heat treated fibres. The spectra
were recorded on Brücker ASX100 and ASX500
spectrometers operating at 99.3 MHz for 29Si and
at 25.1 MHz for 13C. The samples were spun at
4000—5000 Hz according to the magic angle spinning
(MAS) technique.

Electron spin resonance (ESR) experiments were
performed with a Varian X-band spectrometer
(1010 Hz), at room temperature (295 K). The g-value,
linewidth, and signal intensity were measured. The
number of paramagnetic centres was determined using
diphenyl pycryl hydrazil (DPPH) as a standard.

The density of the samples was measured on fila-
ment tows using a Accupyc 1330 from Micromeretics.

The thermal stability of the fibres was studied by
(at%)(")

thermogravimetric analyses (TGA) under inert atmo-
sphere using a TAG24 from Setaram. Experiments
were performed on \100 mg samples, contained in
a graphite crucible and progressively heated at a rate
of 10 °C per min up to 1800 °C, under flowing high
purity argon at a pressure of 100 kPa and a flow rate
of 1 l h~1.

The electrical conductivity of the fibres was meas-
ured using the four-point method, from room temper-
ature to about !190 °C. A single fibre connected to
copper wires with silver paint and glued at the end of
a thermocouple, was placed into a glass vessel con-
taining a pure helium atmosphere which was progress-
ively dipped into liquid nitrogen.

The monofilaments were tensile tested at room tem-
perature with an apparatus similar to that described
by Villeneuve et al. [34]. For each pyrolysis temper-
ature, a batch of about 20 monofilaments was tested
using a gauge length of L"25 mm.

The oxidation kinetics of the Si—C fibres were
studied by thermal gravimetric analysis (TGA). The
experiments were performed on \100 mg samples
placed in a pure alumina crucible and heated up
to a maximum temperature ¹ ranging from
1000—1600 °C (heating rate: 60 °C per min; 10—20 h
isothermal plateau at ¹) under a pure oxygen flow
(P"100 kPa; Q"1 l h~1). The silica layer produced
in the oxidation was also directly measured on a frac-
ture surface of the filament by means of SEM analysis.

3. Results
3.1. As-received fibres
3.1.1. Chemical analysis
3.1.1.1. Bulk analysis. The average bulk composi-
tions of the as-received fibre measured by conven-
tional and EPMA techniques are shown in Table I.
The oxygen content is very low ((1 at%) with respect
to the oxygen-cured fibres Nicalon NL 202 (12—15
O at %). The C:Si ratio (C :Si B 1.41) shows that the
Si—C fibre contains free carbon, i.e., 17.5 at % or
B30 mol%, while in the Si—C—O Nicalon fibre, the
amount of free carbon is 14.9 at% or B28 mol%
[35]. The hydrogen content of the samples was not
detected by EPMA. Its weight fraction is assumed to
be lower than 0.3 wt% which is the detection limit for

elemental analysis (the hydrogen atomic content
TABLE I Composition of as-received Hi-Nicalon, as assessed by (a) conventional chemical analysis and (b) EPMA (that of Nicalon NL202
is also shown for the purpose of comparison)

Si C O H C/Si Free-C Free-C
(at) (at%) (mol%)

Hi-Nicalon 61.8 37.2 0.6 (0.3 — — —
(wt%)(!)

Hi-Nicalon 41.3/ 58.0/ 0.7 0/5.3 1.40 17.1/ 29.2
(at%)(!) 39.1 54.9 16.2

Hi-Nicalon 41 58 1 — 1.41 17.5 29.9
(at%)(")

Nicalon 39.5 48.5 12 — 1.23 14.9 27.5
NL202
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Figure 1 AES semi-quantitative analysis of the surface of the
Hi-Nicalon fibre desized 3 min in air at 600 °C. Sputtering rate:
3 nm/min reference Ta

2
O

5
.

might be thus rather significant, since 0.3 wt % would
correspond to 5.3 at %).

As a matter of fact, Gerardin et al. have shown by
1H NMR analysis of a PCS pyrolysed at 1200 °C
under argon that the residual hydrogen content was
0.27 wt%, which corresponds to 4.9 at% [36]. In our
experiments the hydrogen concentration was meas-
ured by ERDA. The atomic concentration profile was
recorded from the surface to a depth of 400 nm. The
hydrogen content is constant between 200—400 nm
with an apparent average value of C

H
"0.062 at%

(standard deviation: 0.014 at%). Considering the very
low hydrogen concentration measured by ERDA,
(close to the detection limit), one might assume that
the actual concentration could be lower or even nil. As
a matter of fact (as it will be discussed in Section 3.2),
the decrease of the hydrogen content has been shown
by ERDA to occur after the heat treatments which
corroborates the occurrence of at least some low resid-
ual hydrogen concentration in the as-received fibre.

3.1.1.2. Surface analysis. The AES depth profiles of
the Si—C fibre (Fig. 1) show a thin oxygen-enriched
layer (B5 nm) near the surface. This layer is thought
to be related to the desizing treatment. Its thickness is
much lower than that reported by Bodet et al. for
similar fibres [37].

3.1.2. Morphology
Fracture surfaces of the as-received fibres are shown in
Fig. 2 (a and b). Generally speaking, Hi-Nicalon fibres
have a smooth surface and exhibit a typical brittle
material fracture surface. Internal (Fig. 2a) or external
(Fig. 2b) flaws are visible on the micrographs, sur-
rounded by a mirror zone, as it is generally observed
for ceramic fibres.

3.1.3. Structural analyses
3.1.3.1. TEM analysis. Fig. 3 (a—d) shows the BF, the

SiC

111
and C

002
DF images recorded near the fibre
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Figure 2 Fracture surfaces of Hi-Nicalon fibres tested at room
temperature, showing (a) internal and (b) external flaws. For
(a) r

&
"2160 MPa and for (b) r

&
"2360 MPa.

Figure 3 TEM micrographs of the surface of as-received Hi-
Nicalon fibre. (a) Bright field, (b) 111-SiC dark field, (c) 002-C
dark field and (d) the same, showing aromatic layers orthogonal to

those observed in (c).



surface. The SiC grain size is about 2—17 nm (Fig. 3b).
The size distribution histogram is yet to be obtained,
and will be published later [38] thus the real mean size
value is not currently available. However, the model
class (i.e., the size class with the highest frequency) can
be estimated to be 5 nm for the Si—C Hi-Nicalon fibre
versus 1 nm for the Si—C—O Nicalon NL202 fibre
(B1.5—2 nm for the mean size value) [5, 7]. Slight
differences in the grain size distribution between inner
and outer parts of the fibre are suspected. Indeed
a skin/core effect can be evidenced in some SiC

111
DF

images, i.e., larger crystals are less numerous within
a 150—200 nm thick surface zone (Fig. 4b).

The C
002

DF images show a thin polyaromatic
carbon layer at the fibre surface (also detected by
X-ray photoelectron spectroscopy (XPS) [38]), whose
texture is anisotropic, with an orientation parallel to
the surface (Fig. 3 (c and d)). Small turbostratic carbon

Figure 4 TEM micrographs of as-received Hi-Nicalon fibre.
(a) SAD pattern from the bulk, (b) 111-SiC dark field from the

surface and the bulk.
Figure 5 HRTEM micrograph of as-received Hi-Nicalon fibre.

stacks are also visible within the fibre as small
nanometric bright dots (Fig. 3 (c and d)). The SAD
pattern shows three main rings, corresponding to the
111, 220 and 311 b-SiC Bragg reflections (Fig. 4a).
These rings are sharp and even punctuated, which is
consistent with the fact that crystals are relatively
large. Infrequently, features corresponding to poly-
typism are observed.

Unlike the Si—C—O fibres, the C
002

reflection is also
easily observed on the SAD pattern (arrow in Fig. 4a),
in the form of a weak diffuse ring.

Lattice fringe imaging gives information about the
organization of free carbon (Fig. 5). Generally speak-
ing it is better organized than in the Si—C—O (NL202)
fibre [7]. Aromatic stacks are about 2—3 nm in exten-
sion (versus B1 nm in the Si—C—O fibre) and the
number of stacked layers is close to 5, but 7 to 8 layer
stacks could also be observed (versus 2 to 3 in the
Si—C—O fibre). As already observed for pyrolysed PCS,
the polyaromatic stacks are often associated edge-to-
edge between the SiC grains where they form a net-
work of uncompleted cages around SiC crystals.

Lattice fringe imaging also suggest that natural
sintering between SiC crystals could exist (circled area
in Fig. 5).

3.1.3.2. XRD analysis. The XRD pattern of the as-
received Si—C fibre shows three main peaks which
were assigned to the (111) (2h"35.7 °; d"
0.251 nm), (220) (2h"60.0°; d"0.154 nm) and (311)
(2h"72.0°; d"0.131 nm) reflections of b-SiC
(Fig. 6b) as already observed in the SAD TEM pat-
tern. Two other weak peaks are also observed, which
are indexed as the (200) and (222) b-SiC reflections.
With respect to the Si—C—O fibres pattern, the narrow-
ness of the peaks suggests a better crystalline state for
the b-SiC phase in the Si—C fibre (Fig. 6a). As a matter

of fact, the average SiC crystal size determined by the
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Figure 6 XRD spectra of (a) ceramic-grade Nicalon (Si—C—O) and
(b) Hi-Nicalon (Si—C) fibres.

Figure 7 Raman spectra from the bulk of (a) ceramic-grade
Nicalon (Si—C—O) and (b) Hi-Nicalon (Si—C) fibres.

Scherrer equation is about 5 nm, in good agreement
with the TEM observations. On the other hand, no
peak corresponding to turbostratic carbon is observed
(B2h"26.5°; d

C002
"0.336 nm).

3.1.3.3. Raman spectroscopy analysis. Raman spectro-
scopy is a useful technique for the study of structural
ordering in materials with a low crystalline state, and
especially carbon [39—41] or free-carbon containing
materials [42—45]. The Raman spectrum of the as-
received fibre shows two peaks at 1350 and 1600 cm~1

(Fig. 7b). These bands correspond to the typical
vibration frequencies observed in carbon materials.

The first (1350 cm~1) is generally assigned to the
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Figure 8 Solid state NMR spectra of (a) 29Si for Si—C—O fibre
(Nicalon NL 202), (b) 29Si for Si—C fibre (Hi-Nicalon), (c) 13C for
Si—C—O fibre and (d) 13C for Si—C fibre.

‘‘unorganized’’ carbon, involving lattice defects while
the other (1600 cm~1) is due to the E

2'2
symmetric

mode vibration in graphite.
For the Si—C—O fibre (Nicalon NL 202), these two

bands are intense and broad, which is similar to the
spectra reported by other authors [44, 45] (Fig. 7a).
On the other hand, the peaks observed in the Si—C
fibre spectrum are narrower and better separated. The
peak intensity ratio is also different between the two
types of fibres. The I

1350
/I

1600
ratio is close to 1.35 for

the Si—C—O fibres whilst it is equal to 2 for the Si—C
fibre.

A very broad and weak band at about 700—
1000 cm~1 is apparent in the spectrum which could be
assigned to SiC [41—46].

3.1.3.4. Solid state NMR analysis. The 29Si MAS-
NMR spectrum of the Si—C—O fibre (Fig. 8a) shows
four broad lines centred at !16, !35, !75 and
!110 ppm, whilst only one line is observed for the
Si—C fibre (Fig. 8b), centred at !16 ppm. The lines
can be assigned to five possible tetrahedral struc-
tures: SiC

4
(!16 ppm), SiC

3
O (B0 ppm), SiC

2
O

2
(!35 ppm), SiCO

3
(!75 ppm) and SiO

4
(!110 ppm). In fact, the line centred at !16 ppm can
be decomposed into three components, respectively at
!16, !19 and !23 ppm (Fig. 8b).

The 13C MAS-NMR spectrum of the Si—C—O fibre
shows two broad lines at 20 and 130 ppm (Fig. 8c)
which are assigned respectively to the CSi

4
tetrahedral

structure and graphite-like polyaromatic structure.
These two peaks are also observed for the Si—C fibre
but (i) the linewidth of the peak centred at 20 ppm is
much lower than that of the Si—C—O fibre and (ii) the
second peak is apparently slightly shifted towards
lower values (maximum at 120 ppm) (Fig. 8d). Further-
more, one should note that the line at 20 ppm can
be decomposed into two components at 16 and

23 ppm.



Figure 9 Weight loss curves under argon (100 kPa) for as-received
and 1600 °C heat treated Si—C (Hi-Nicalon) fibres and Si—C—O
(Nicalon NL202) fibres, as a function of temperature (heating rate:
10 °C per min).

3.1.4. Density
The density value of the fibre (d"2.77 g cm~3) is
slightly higher than that of the Si—C—O fibres
(dS*~O~C"2.56 g cm~3) but still far from the pure SiC
density (dS*C"3.2 g cm~3).

3.1.5. Thermogravimetric analyses under
inert atmosphere

The variations of the relative mass (*m/m0) of the
as-received Si—C fibres (Fig. 9) as a function of tem-
perature show only a very slight loss (B0.12%) at
1800 °C which demonstrates the improved thermal
stability of the oxygen-free fibre with respect to the
Si—C—O fibre (*m/m0B25% at 1800 °C).

3.1.6. Electron spin resonance (ESR)
The ESR experimental data are listed in Table II
for the as-received and heat-treated fibres (1600 °C/
[48]

1h/Ar). The g-values are similar to those reported for
Figure 10 Thermal behaviour of the electrical conductivity of (h)
as-recieved Si—C (Hi-Nicalon) and (n) Si—C—O (NL202) fibres.

carbon materials (i.e., almost that for the free electron
g"0.0023), and for Si—C—O (Nicalon NL 202)
[48, 49] or experimental Si—C—N—O fibres [48]. The
paramagnetic susceptibility (v

1
) and the linewidth (S)

are also close to those reported by other authors for
Si—C—O fibres.

3.1.7. Electrical conductivity
The electrical conductivity (r) at ambient of the Si—C
fibre is four decades higher than that of Si—C—O fibre
(Nicalon NL 202) (r

S*~C
B0.8 )~1 cm~1 versus

r
S*~C~O

B10~4 )~1 cm~1). It is observed to increase
with temperature over the range !190—25 °C)
(Fig. 10) and displays a semi-conducting type behav-
iour.

3.1.8. Mechanical properties at ambient
The mechanical properties (rR and E) have been deter-
mined at ambient on as-received fibres, desized in
air (¸

0
"25 mm, *l"0.25 mmmin~1). The tensile

strength is high (rR"3060 MPa) and close to that of

the Si—C—O fibre. It is not affected by the desizing
TABLE II ESR data at ambient for as-received and annealed Si—C (Hi-Nicalon) and Si—C—O (Nicalon NL202) fibres

Samples g S v
1

N (spin·g~1)
(]10~4 T) (uem CGS·g~1)

Hi-Nicalon 2.0028 3.8 3.3]10~8 15.5]1018

(present work)

Hi-Nicalon 2.0027 2.7 0.65]10~8 3.1]1018

(1600 °C/1 h/Ar)
(present work)

Nicalon NL200 [48] — 1.5 4.7]10~8 —

Nicalon NL200 2.0027 2.6 — —
[49]

Nicalon NL200 — 3.35 0.68]10~8 —
(1200 °C/N

2
)
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treatment. The Young’s modulus is much higher than
that of the Si—C—O fibres (E

S*~C
"285 GPa versus

E
S*~C~O

B200 GPa).

3.1.9. Oxidation resistance under dry
oxygen

3.1.9.1. Oxidation kinetics. A weight increase of the
fibres is observed whatever the testing temperature,
whose rate increases as the temperature is raised.
As already observed for similar materials, the TGA
curves are parabolic for ¹)1400 °C (Fig. 11). Assum-
ing that the density and the chemical composition of
both fibre core and silica layer remain constant during
the test, the thickness of the silica can be inferred from
the weight variations.

Under these assumptions the thickness (e) of the
oxide can be calculated as a function of time (Fig. 12)
from the TGA data according to the following equa-
tion (see appendix):

eB
1

2
· r

0
·

M
S*OÈ

·C
S*

M
S*OÈ

·C
S*
!M

S*

·
d

d
S*OÈ

·
*m

m
0

(1)

Figure 11 Relative mass and calculated silica thickness variations
versus time during oxidation of Hi-Nicalon fibres under flowing dry
oxygen between 800 and 1550 °C (P"100 kPa) ((n) direct SEM
measurements).

Figure 12 Calculated square of silica thickness variations versus
time during oxidation of Hi-Nicalon fibres under flowing dry oxy-
gen between 800 and 1550 °C (P"100 kPa) ((n) direct SEM

measurements).
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Figure 13 SEM micrographs (backscattered electron mode) of
the failure surfaces of oxidized Hi-Nicalon fibres in pure oxygen
(100 kPa). (a) ¹"1100 °C, t"15 h and (b) ¹"1300 °C; t"15 h.

Figure 14 SEM micrographs (secondary electron mode) of the fail-
ure surfaces of oxidized Hi-Nicalon fibres in pure oxygen (100 kPa).

(a) ¹"1400 °C, t"15 h and (b) ¹"1550 °C; t"10 h.



TABLE III Silica thickness data derived from measurements (e
.
)

or calculated from TGA-curves (e
#!-

), for Hi-Nicalon Si—C fibres

¹ (°C) 1000 1000 1100 1200 1300 1400 1500
t (h) 10 20 15 15 15 15 15
e
.

(lm) 0.25 0.35 0.45 0.65 0.80 1.10 2.6
e
#!-

(lm) 0.24 0.35 — 0.59 — 1.10 2.48

TABLE IV Parabolic law constants e
0

and K
T

for the oxidation
of Hi-Nicalon Si—C fibres

¹ (°C) 1000 1200 1400 1500 1550
e
0

(lm) 0.022 0.095 0.176 0.218 0.289
K

T
(lm2 s~1) 1.8]10~6 6.2]10~6 2.1]10~5 5.7]10~5 8.9]10~3

Figure 15 Thermal variations of the oxidation parabolic rate con-
stants for different ex-PCS fibres: (n) Si—C—O fibres (Nicalon NL
202) [68], (d; s) Si—C fibres (Hi—Nicalon), from SEM measure-
ments and TGA data respectively.

Furthermore the thicknesses of the silica layers were
also directly measured by SEM analysis in order to
validate Equation 1 (Figs 13 and 14) (Table III).

Similar to *m/m
0
, the silica thickness obeys a

parabolic law for ¹)1400 °C (Fig. 12) which can be
written as:

e2(t)!e2
0
"K

T
·t (2)

where K
T

is the kinetic constant and e
0

is the silica
layer for t"0 (Table IV).

The kinetic constant K
T

obeys an Arrhenius equa-
tion for ¹)1400 °C, as is shown in Fig. 15:

lnK
T
"ln K

=
!

E
!

R¹

(3)

with K
=
"5]10~2 lm2 s~1 and E

!
"107$4 kJmol~1.

For ¹'1400 °C, the parabolic law is no longer
valid except for very short periods of time. A linear
variation of the thickness with time is observed for
¹"1500 °C beyond t"1.5]10~4 s, and a more
complex growth behaviour for ¹"1550 °C.

SEM micrographs of the failure surfaces of oxidized
fibres are shown in Figs 13 and 14. For a temperature
range of 1000—1400 °C the filaments are coated with

a smooth and continuous oxide scale whose thickness
Figure 16 XRD spectra of Hi-Nicalon fibres, as a function of
oxidizing temperature (¹ ) and duration (t), in pure oxygen
(100 kPa). (a) ¹"1000 °C, t"20 h; (b) ¹"1200 °C, t"15 h;
(c) ¹"1400 °C, t"15 h and (d) ¹"1500 °C, t"15 h. The peaks
are assigned to; (h) bSiC or (m) aSiO

2
.

is constant along their whole periphery. For temper-
atures greater than 1400 °C and long durations, the
oxide layers are very thick (several lm) and consist of
concentric debonded sheaths (Fig. 14). Cracks are also
observed within the oxide scale at these temperatures.

In addition to the b-SiC diffraction peaks, the XRD
patterns of oxidized fibres show a-cristobalite peaks
that appear at temperatures as low as 1200 °C, and
whose intensity increases strongly with the temper-
ature (Fig. 16).

3.2. Properties of the heat-treated fibres
at ambient temperature

3.2.1. Chemical analysis
3.2.1.1. Bulk composition. EPMA data show that the
composition of the fibre is unchanged for pyrolysis
temperatures upto 1800 °C (Table V). At 2000 °C, the
oxygen content is significantly reduced to a negligible
level and the carbon concentration seems to be
slightly increased. These data confirm the very high
thermal stability of the fibre under an inert atmo-
sphere. An ERDA analyses performed near the fibre
surface (200—400 nm depth zone) showed that the ap-
parent hydrogen amount is progressively reduced
with increasing pyrolysis temperature (Table VI).

3.2.1.2. Surface analysis. A slight evolution of the
surface of the filament is observed when the annealing
temperature is increased. For ¹ "1200 °C and
1
t
1
"1 h, the oxygen enriched layer observed for the
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TABLE V Elemental composition of Hi-Nicalon fibres treated at
increasing temperatures, as assessed by EPMA

¹
1
(°C) Si (at%) C (at%) O (at%)

As-received 41.2 58.0 0.8
1200 (1 h) 40.7 58.3 1
1400 (1 h) 40.9 58.2 0.9
1600 (1 h) 40.3 58.8 0.9
1600 (10 h) 40.0 58.9 1.1
1800 (1 h) 41.0 58.1 0.9
2000 (1 h) 39.6 60.1 0.3

TABLE VI Hydrogen content of Hi-Nicalon fibres as assessed by
ERDA

as-received ¹
1
"1400°C ¹

1
"1600°C

Apparent hydrogen 0.062 0.051 0.043
concentration (at %)

Standard deviation 0.014 0.016 0.014
(at%)

Figure 17 AES semi-quantitative analysis of the surface of Hi-
Nicalon fibres heat-treated under pure argon (100 kPa), for increas-
ing duration (¹

1
"1600 °C) (sputtering rate: 5nm per min. reference

Ta
2
O

5
. (a) t

1
"1 h and (b) t

1
"10 h.

desized untreated fibres has almost disappeared and
the composition of the surface is nearly the same as
that of the core. A thin carbon layer appears at

1400 °C (B 10 nm) and continuously grows with

336
Figure 18 Fracture surfaces of Hi-Nicalon fibres annealed (a) 10 h
at 1600 °C and (b) 1 h at 2000 °C and tested at room temperature.

¹
1
(B30 nm for ¹

1
"1600 °C and t

1
"1 h) and with

t
1
(B70 nm for ¹

1
"1600 °C and t

1
"10 h (Fig. 17).

3.2.2. Morphology
The morphology of heat-treated fibres remains un-
changed up to 1600 °C for t

1
"1 h. For t

1
"10 h and

¹
1
"1600 °C, small crystals appear at the fibre sur-

face and the failure surface becomes rougher
(Fig. 18a), indicating that the fibre has undergone
crystallization. The crystals are more abundant and
larger at the fibre surface for ¹

1
"1800 °C and

2000 °C as well as apparently in the bulk (but at
a much lesser extent) (Fig. 18b).

3.2.3. Microstructure
3.2.3.1. TEM analysis. At ¹

1
"1400 °C a SiC grain-

growth is apparent from the SiC
111

DF image
(Fig. 19a) (with a maximum crystal size of 18—25 nm)
and the SAD pattern (Fig. 20a). b-SiC is the prevalent
structure, but polytypes are more frequently observed
than in the as-received fibre. Additionally, joined crys-
tals are occasionally observed (Fig. 20c). The free car-
bon is also better organized than in the as-received
fibre (Fig. 20b). The number of aromatic stacked

layers (N) is nearly the same as for the as-received



Figure 19 111-SiC dark field micrographs of heat-treated Hi-
Nicalon fibres. 1 h at (a) ¹

1
"1400 °C and (b) ¹

1
"1600 °C.

fibre, whereas the extent of the layers has slightly
increased (¸

!
"3—6 nm).

The three-dimensional texture of wrinkled carbon
layers is more apparent than in the as-received fibre
and still seems to form an incomplete network be-
tween SiC grains.

At ¹
1
"1600 °C SiC grains as large as 50 nm are

observed (Fig. 19b). The SAD pattern exhibits very
punctuated SiC reflections and a considerable amount
of evidence for stacking faults (Fig. 21a). Joined SiC-
crystals are more apparent. The free carbon continues
to organize with a higher average number of aromatic
layers per stack (reaching N"7—12) and more ex-
tended continuous aromatic domains (¸

!
"5—10 nm)

(Fig. 21b).

3.2.3.2. XRD analysis. Raising the annealing temper-
ature results in a narrowing of the b-SiC reflections,
assigned to crystal growth (Fig. 22). The average grain
size (calculated from the Scherrer equation for the
111, 220 and 311 reflections) continuously increases
for 1200(¹

1
(2000 °C, reaching values of

10—12 nm for ¹
1
"1600 °C, and 20 nm for

¹
1
"2000 °C (Fig. 23). A weak peak appears for

2h"34.22° (d"0.262 nm) above 1200 °C, as a shoul-
der on the 111 peak which becomes progressively
separated as the temperature is raised.

3.2.3.3. Raman spectroscopy. The Raman spectro-
scopy data for the fibre bulk shows that increasing
both ¹

1
and t

1
results in (i) a slight decrease of the

relative intensity of the 1350 cm~1 band (normalized
to the 1600 cm~1 band), (ii) a narrowing of the width
of the two bands and (iii) a change in the shape of the
1600 cm~1 band, suggesting the occurrence of a doub-

let (Figs 24 and 25).
Figure 20 TEM micrographs of heat-treated Hi-Nicalon fibre (1 h
at ¹

1
"1400 °C). (a) SAD pattern from the bulk, (b) HRTEM

micrograph of Hi-Nicalon fibre heat-treated 1 h at ¹
1
"1400 °C

under pure argon and (c) enlargement HRTEM micrograph.
.
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Figure 21 TEM micrographs of Hi-Nicalon fibre heat-treated 1 h
at ¹

1
"1600 °C under pure argon. (a) SAD pattern and

(b) HRTEM micrograph of the bulk.

An analysis of the surface of the fibre (¹
1
"1600 °C;

t
1
"10 h) clearly shows that the relative intensity

of the 1600 cm~1 peak and its width are respect-
ively higher and lower than when measured in the
bulk.

Beyond 1600 °C, a weak and narrow peak appears
at 800 cm~1 whose intensity increases with t

1
and

when measured from the surface of the fibre. This peak
is assigned to b-SiC [42—47].

3.2.3.4. Solid NMR analysis. No difference is observed
between the as-received and the heat-treated fibre at
a pyrolysis temperature of 1600 °C, for the 13C MAS-
NMR spectra except for a small change in the shape
and a slight chemical shift towards a lower value of the
peak centred at 130 ppm.

The !19 and !23 ppm components of the
peak centred at !16 ppm on the 29Si MAS-NMR
spectra are slightly weaker after the heat treat-

ment.
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Figure 22 XRD spectra of Hi-Nicalon fibres, as a function of pyro-
lysis temperature (¹

1
) and duration (t

1
), in argon (100 kPa). (a) As-

received, (b) ¹
1
"1200 °C, t

1
"1 h; (c) ¹

1
"1400 °C, t

1
"1 h;

(d) ¹
1
"1500 °C, t

1
"1 h; (e) ¹

1
"1600 °C, t

1
"1 h; (f ) ¹

1
"

1600 °C, t
1
"10 h; (g) ¹

1
"1800 °C, t

1
"1 h and (h) ¹

1
"2000 °C,

t
1
"1 h.

Figure 23 b-SiC crystalline apparent size of Hi-Nicalon fibres as
a function of annealing temperature in pure argon (100 kPa). Data
is presented for; (h) L111 (1 h), (n) L220 (1 h), (C) L311 (1 h), (h)
L111 (10 h), (n) L220 (10 h) and (s) L311 (10 h).

3.2.4. Density
The density increases as the pyrolysis temperature is
raised, from 1400—1800 °C (for t

1
"1 h) and as t

1
is

raised, from 1—10 h (for ¹ "1600 °C). It decreases

1

beyond ¹
1
"1800 °C (Fig. 26).



Figure 24 Raman spectra from the bulk and the surface of Hi-
Nicalon fibres, as a function of pyrolysis temperature (¹

1
) and

duration (t
1
), in argon (100 kPa). (a) As-received (bulk),

(b) ¹
1
"1400 °C, t

1
"1 h (bulk); (c) ¹

1
"1600 °C, t

1
"1 h (bulk);

(d) ¹
1
"1600 °C, t

1
"10 h (bulk); (e) ¹

1
"1600 °C, t

1
"10 h (sur-

face).

Figure 25 Variation of the I
(1350)

/I
(1600)

ratio for samples annealed
for (h) 1 h Ar, (h) 10 h Ar and (n) 10 h Ar (surface) and width at
half height of the 1600 cm~1 Raman band for samples annealed for;
(j) 1 h Ar, (j) 10 h Ar and (m) 10 h Ar (surface) for Hi-Nicalon
fibres.

3.2.5. TGA analysis under an inert
atmosphere

The slight weight loss observed for the as-received
fibre in the temperature range 1200—1400 °C is no

longer observed when the fibre is pre-annealed
Figure 26 Density of Hi-Nicalon fibres as a function of annealing
temperature (¹

1
) and duration; (h) t

1
"1 h, and (j) t

1
"10 h in

argon (100 kPa).

Figure 27 Electrical behaviour of Hi-Nicalon fibres: (a) thermal
variations of the electrical conductivity data were collected at
¹

1
values of (#) Fibre brute, (C) 1200 °C/1 h, (n) 1400 °C/1 h, (e)

1600 °C/1 h, (h) 1600 °C/10 h and (j) 1600 °C/10 h and (b) (*Fibres
intentionally oxidized after annealing at 1600 °C) variations of the
electrical conductivity at ambient and apparent activation energy
(determined in the range 200—300K), as a function of annealing

temperature ¹

1
.
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Figure 28 Variations of the tensile failure strength and Young’s
modulus at ambient of Si—C fibres, as a function of annealing
temperature under argon (100 kPa) (t

1
"1 h except *t

1
"10 h).

(1600 °C/1 h/Ar) (Fig. 9). No weight loss is detected
until 1650 °C. However, a decomposition takes
place beyond 1800 °C, as is the case for the untreated
fibre.

3.2.6. Electron spin resonance
The g-value is almost unchanged when the fibre is
heat-treated at ¹

1
"1600 °C, whilst the paramagnetic

susceptibility (v
1
) and the spin concentration (N)

both strongly decrease (Table II). Such a behaviour
has already been observed for Si—C—O fibres, but at
a lower HTT [48].

3.2.7. Electrical conductivity
The electrical conductivity (r) measured at ambient
increases with both ¹

1
and t

1
(Fig. 27), particularly

in the range 1200—1400 °C. Furthermore, r becomes
continuously less temperature-dependant as the
pyrolysis temperature is raised. The marked semi-
conducting behaviour of the as-received fibre vanishes
as ¹

1
is raised (i.e., the apparent activation

energy decreases). The fibres annealed at 1600 °C
(1 and 10 h) have been slightly oxidized (600 °C
for 5 min) before the conductivity measurements in
order to remove the thin carbon layer at their surface.
Only a slight decrease of r was observed after oxida-
tion and no change in the electrical properties was
detected, indicating that the electrical properties of the
fibre depend on the bulk rather than on the surface
carbon layer.

3.2.8. Mechanical properties at ambient
The tensile strength is almost unchanged for
¹

1
"1400 °C (Fig. 28). It decreases with ¹

1
and t

1
,

initially only slightly (1400—1600 °C) and then dra-
matically. No important change in the Young’s

modulus is observed as ¹

1
is raised.
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4. Discussion
4.1. Thermal behaviour under an inert

atmosphere
4.1.1. Chemical change
As expected, the oxygen free fibre has a much
greater thermal stability from a chemical point of
view as compared to its Si—C—O counterpart. In
fact, the stability of the SiC#C mixtures is expected
to be thermodynamically limited by the decomposi-
tion of SiC (reported to occur at about 2550 °C
under a pressure of 1.013]105 Pa [50]). Conversely,
that of the Si—C—O fibre is limited by the decomposi-
tion of the amorphous SiC

9
O

:
phase at temperatures

in excess of B1200 °C [8—20]. Owing to the very
low concentration of residual oxygen in the Si—C
fibre, the oxycarbide phase is a minor constituent
of the material. This feature is confirmed by the
29Si MAS-NMR spectrum which shows the occur-
rence of only SiC

4
silicon sites (Fig. 8). Neverthe-

less, an oxygen-enriched layer is present at the
surface of the as-received fibre. This layer is not
thermally stable and decomposes at ¹

1
"1200 °C

(t
1
"1 h) with the formation of SiO

(')
and

CO
(')

.
The fibre undergoes a slight superficial decomposi-

tion in the form of a silicon depletion. The carbon-
enriched layer at the surface of the heat-treated fibres
(as-observed by AES) does not result from a vapour
deposition from the carbonaceous environment, since
it was not observed on a pure SiC single crystal
annealed in similar conditions. The carbon-enriched
layer is detected at a temperature as low as 1400 °C at
the fibre surface and progresses with increasing
¹

1
and t

1
through the bulk of the fibre. This carbon

layer at the fibre surface could result from the de-
composition of SiC nanocrystals (although it is ex-
pected to occur at a much higher temperature for the
bulk polycrystalline SiC). A recent experimental
study of the SiC#C system under vacuum at high
temperatures has shown that gaseous silicon (Si

(')
)

is the major species in the gas phase [50]. Under
our annealing conditions and especially at the surface
of the fibres, thermodynamic equilibrium might not
be reached and thus, the evolution of Si

(')
is

expected to result in a silicon depletion of the surface
of the fibres. This phenomenon could be strongly
enhanced by the very small size of the SiC crystals
(a few nm). Additionally, one might take into account
the occurrence of an active oxidation mechanism,
due to a very low residual oxygen pressure in the
annealing furnace atmosphere or to residual oxygen
within the fibre bulk. In that case, the decomposi-
tion would result locally in the evolution of silicon
and carbon monoxides. SiO

(')
is unstable at low

temperature and is thought to condense onto the
cool parts of the furnace or to react with the
graphite crucible. Under these conditions, silicon
monoxide would not reach its equilibrium pressure
and thus a preferential evolution of SiO

(')
with

respect to CO would be expected, resulting in a

(')

silicon depletion of the fibre.

.



4.1.2. Structural and textural changes
4.1.2.1. SiC phase. No structural evolution is de-
tected below ¹

1
"1200 °C, suggesting that the fibre

was fabricated at a temperature ranging from
1200—1400 °C. The SiC fibre is remarkably stable from
a structural point of view at high temperatures with
respect to the Si—C—O fibre. The oxycarbide phase,
responsible for both chemical instability and drastic
grain growth in the latter is almost non existent in the
former. The thermal stability of the Si—C fibre is thus
greatly improved and only a limited change in its
microstructure is observed upon heating. Neverthe-
less, a slight b-SiC grain growth is still noticed at
¹

1
"1400 °C in the bulk of the fibres in the TEM

(Fig. 19) and XRD (Fig. 22) data. Since there is no
change in the composition up to ¹

1
"1800 °C, the

occurrence of a growth in the mean crystal size means
that the two phases, (i.e., SiC and free carbon) segre-
gate with increasing temperature (some SiC grains
grow when others disappear). The driving force for
this effect is the difference in surface or/and interface
energy [51].

In the TEM data, SiC grains are often observed to
be separated from each other by a free carbon inter-
granular phase, but they also might be connected
through grain boundaries (although it is difficult to
observe this by TEM). The diffusion of silicon-based
species along the surface of SiC grains, and possibly
also through the intergranular carbon phase, must be
considered in order to explain the grain growth. This
phenomenon would be helped by the high porosity of
the intergranular material. If one assumes density
values equal to 3.2 g cm~3 for SiC and 1.8 g cm~3 for
free carbon, the overall porosity in the fibre should be
6%, or 25% in the pure intergranular phase. Atomic
silicon might be the ‘‘feeding’’ species for SiC crystal
growth, the carbon atoms being provided from the
free carbon at the C/SiC interface. Owing to the pres-
ence of residual oxygen atoms (\1 at%), that are
probably bonded to silicon atoms at the SiC grain
surface at low temperature, silicon and carbon mon-
oxides might also play a significant part in the SiC
crystal growth, through a vapour-transport promoted
mechanism. As a matter of fact, the total pressure at
equilibrium on a SiC#SiO

2
#C mixture of both

SiO
(')

and CO
(')

species is about five orders of magni-
tude higher than that of Si

(')
upon a SiC#C mixture

at 1250 °C [50]. The bulk of the fibre can be con-
sidered as a closed system, since no chemical change is
detected after heat-treatments of ¹

1
)1800 °C. These

considerations suggest that the coarsening/shrinkage
mechanism of the SiC crystals might also be promoted
by a chemical transport of SiO

(')
and CO

(')
between

the SiC grains, through the porous intergranular free
carbon phase. The mechanism would be governed by
the equilibrium equation:

(1)
&"

2C
(4)
#SiO

(')
SiC

(4)
#CO

(')
(4)

(2)$&

with log (P /P )"!2.26 at 1800 K [52]), Equa-

S*O CO

tion 4
(1)

being responsible for the grain growth of SiC
crystals and Equation 4
(2)

for their shrinkage. It is well
known that an exaggerated grain growth during sin-
tering (which is detrimental to densification) of an
oxygen-containing SiC powder (B0.5 wt%) is related
to vapour transport by SiO [53, 54].

The SiC grain shrinkage in the fibre is expected to
also result in free-carbon formation. The uncompleted
carbon cages around SiC crystals which are increas-
ingly observed by TEM analysis as ¹

1
is raised

(Figs 20 and 21), could be partly due to such a phe-
nomenon especially at a high annealing temperature.
This assumption seems to be confirmed by the fact
that at ¹

1
"1600 °C, thick and curved carbon layer

stacks are observed around small size SiC crystals (or
even pores) rather than around the larger-size crystals.

Such a mechanism of crystal growth is very different
from that occurring during the Si—C—O fibre degrada-
tion. The former takes place under near chemical-
equilibrium conditions and is driven by the lowering
of surface energy, while the latter takes place far from
equilibrium, as a result of chemical reactions involving
the metastable SiO

9
C

(1~9@2)
:

SiO
9
C

(1~9
2
)
PSiO

(')
#(x!1) CO

(')
#A2!

3x

2 BC(4)

(5)

SiO
(')
#2C

(4)
PSiC

(4)
#CO

(')
(4

1
)

For very high temperatures, ¹
1
'1800 °C, a silicon

depletion is observed mainly at the surface of the
low-oxygen fibres (but it also occurs in the core),
owing to the decomposition of SiC. In addition to that
phenomenon, b-SiC crystals with a large size (a few
lm) are observed at the surface of the fibres. These
grains are partly inlayed in the fibre, suggesting the
growth mechanism depicted in Equation 4. However,
since the main part of the grain is free, a vapour—
vapour induced reaction is thought to be more likely
as the coarsening mechanism. If traces of oxygen still
remain in the atmosphere then the following reaction
may be involved:

SiO
(')
#3CO

(')
PSiC

(4)
#2CO

2(')
(6)

followed by the CO
2

reduction and oxidation of the
free carbon of the fibre or of the graphite crucible
according to:

CO
2(')

#C
(4)
P2CO

(')
(7)

Equations 6 and 7 represent the overall reaction:

SiO
(')
#2C

(4)
PSiC

(4)
#CO

(')
(4

1
)

These reactions can be used to explain the SiC crystal
growth, in terms of a mechanism involved in the SiC
whiskers growth [55]. Shimoo et al. have also noticed
such a large crystal growth on the skin of low oxygen
SiC fibres, but after treatments at a lower heat-treat-
ment temperature (from ¹

1
'1600 °C) [56]. A higher

residual oxygen pressure in the annealing atmosphere
might be responsible for this phenomenon (alumina
environment).

Such large crystals are not observed within the bulk
of the fibre, due to the presence of the free carbon

phase which inhibits the grain-boundary and/or
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gaseous diffusion, required for recrystallization. Fur-
thermore, a carbon excess induces a lowering of the
SiO

(')
pressure thereby inhibiting the vapour-trans-

port reactions (Equation 4) responsible for the grain-
coarsening [53, 54].

The occurrence of SiC polytypes in addition to the
b-SiC phase in the fibre can be assessed by the MAS-
NMR and TEM analyses. In fact, both characteristic
peaks of the SiC

4
and CSi

4
sites on the 29Si and

13C MAS-NMR spectra can be decomposed into 2 or
3 components (Fig. 8). This unexpected feature (under
the assumption of a pure b-SiC phase) suggests the
presence of additional SiC polytypes [57], which is in
agreement with other studies on the pyrolysis of PCS
[58]. This assumption is also confirmed in the XRD
data by the existence of a shoulder on the SiC-111
peak (2h"34.22 °, d"0.262 nm) (Fig. 6), which is
absent in a pure b-SiC pattern, and which becomes
continuously better defined for the Hi-Nicalon fibres,
as ¹

1
is raised. Stacking faults (with respect to b-SiC)

are also observed by TEM but the presence of any
other crystalline SiC phases has not been formally
confirmed. The slight decrease of the !19 and !23
ppm components with regard to the peak centred at
!16 ppm (SiC

4
) on the 29Si MAS-NMR spectra, sug-

gests that stacking faults tend to decrease within the
b-SiC structure after a 1600 °C heat treatment.

4.1.2.2. Free carbon phase. The texture of the free
carbon phase in the Si—C fibre, is also very different
from that of the Si—C—O fibre. The molar fractions are
almost the same (respectively 30 and 28 mol%) but
the material is apparently better organized in the Si—C
fibre, in the form of a discontinuous network between
the SiC crystals. In the Si—C—O fibre, free carbon was
present as a basic structural unit (BSU) still partly
hydrogenated (i.e., 2—3 stacked aromatic layers of
about 12 rings) surrounded by a continuous
SiO

9
C

(1~9@2)
phase (0)x)2) [7, 42]. In the Hi-

Nicalon fibre, most of the hydrogen atoms have been
eliminated from the material during the fibre pyroly-
sis. In fact, ERDA indicates a very low residual hydro-
gen content. Furthermore, neutron diffraction (which
is very sensitive to hydrogen), has not shown the
presence of any hydrogen in the as-received fibre.
Residual hydrogen has been shown to exist in pyro-
lysed PCS in significant amounts for ¹

1
"1200 °C

(B5 at% from NMR analysis) but its concentration
decreases strongly at higher temperatures (to
B0.6 at% at 1400 °C) [59]. Hydrogen is usually as-
sumed to be bonded to the free carbon phase, at the
periphery of the aromatic layers [5, 7, 36]. Our data
suggest that the hydrogen atoms bonded to carbon
atoms at the periphery of the carbon layers were
eliminated during the carbonization of PCS in the
Hi-Nicalon fibres. It is known that, for carbon mater-
ials, the removal of hydrogen is strongly related to an
increase in the number of free radicals [60]. In fact,
a large number of paramagnetic centres (ESR data)
are present in the as-received fibre, which are assigned
to the free carbon phase. They are thought to result
from the rupture of C—H side-bonds in the carbon-

aceous phase. The spin concentration for Hi-Nicalon

342
fibre is very high with respect to other carbonaceous
materials, especially considering that the free carbon
phase accounts for only about 11 wt% of the whole
material. When the annealing temperature is raised,
the growth of the carbon layers corresponds to a de-
crease of localized spin centres [48, 60].

Heat-treatment of the fibre at increasing temper-
atures results in a gradual organization of the free
carbon phase in terms of the size of the carbon layers
(¸

!
) and the number of stacked layers (N) or the

thickness of the stacks ¸
#
.

After an annealing treatment performed at
¹

1
"1400 °C, from the LF TEM images (Figs 5 and

20), the carbon domains are apparently slightly larger
than in the as-received fibre (¸

!
"3—6 nm and 2—3 nm

respectively, with no significant change in N). This
organization of the free carbon phase might be ex-
plained (i) by the dewrinkling of the aromatic layer
stacks and/or (ii) edge to edge association producing
longer distorted layers. Despite the very low hydrogen
concentration of the fibre, the arrangement of the
carbon phase apparently corresponds to a simulta-
neous slight hydrogen evolution from the material (as
assessed by ERDA) resulting from the rupture of the
residual C—H bonds.

For ¹
1
"1600 °C, the organization of the carbon

network is further improved. The free-radical concen-
tration decreases due to condensation and conse-
quent extension of the carbon domains. The size of
the wrinkled aromatic layers slightly increases
(¸

!
"5—10 nm) in addition to the number of aromatic

layers within the stacks (N"7—12 versus N"5—8 for
the as-received or 1400 °C-annealed fibre). Further-
more, the carbon layer stacks tend to organize flat on
the surface of the SiC crystals. This behaviour has
been observed for pyrolysed PCS [42] and also during
the thermal degradation of carbides where the decom-
posed crystals are coated with aromatic layers stacked
flat upon their surface, forming perfect shells [61].

It is noteworthy that the organization process of the
carbon phase in Hi-Nicalon is somewhat different
from that usually reported for non graphite forming
carbons resulting from the pyrolysis of an organic
precursor, according to which a growth in N or ¸

#
is

observed first (stages 2 and 3 from [61]). This feature
might be explained by the fact that the organization of
the carbon phase takes place within a confined space
limited by SiC-crystal faces (the major phase) in which,
additionally, transport phenomena via the gas phase
might occur.

Heat treatments at increasing temperatures (¹
1
)

result in a moderate densification of the fibre, which
starts between 1200—1400 °C and becomes significant
for ¹

1
"1500 and 1600 °C. This feature corresponds

to the temperature beyond which the first structural
changes are observed, and suggests that the fibres were
prepared at 1200—1400 °C. This densification cannot
be assigned to the SiC phase since it is already highly
crystallized in the as-received fibre. The component
responsible for the density increase seems to be the
intergranular porous material and especially the free
carbon rather than SiC. The densification is related to

the progressive organization of free carbon discussed



above associated to a collapse of pores. For
¹

1
"1600 °C, the density of the fibre is still lower than

its theoretical value (2.97 g cm~3 for a fully crystallized
material) owing to the turbostratic nature of the carbon
phase, whose density is lower than that of graphite.

From the literature, during the formation of graph-
ite from poorly crystallized carbon the main features
of the corresponding Raman spectra are: (i) a decrease
of the width of the two peaks at 1350 and 1600 cm~1,
(ii) an increase of their intensity ratio (I

1600
/I

1350
)

and (iii) a shift of the E
2'

peak from 1600 to 1580 cm~1

(in fact this peak is a doublet: the intensity of the
1600 cm~1 component decreases, as the reaction pro-
ceeds and the two peaks continuously separate). These
features have been observed to be directly related to
the organization and crystallization of the carbon
structure and texture [39—43]. A quantitative relation-
ship between the I

1600
/I

1350
ratio and the graphite

crystal size has also been established and validated by
XRD analysis [40].

The Raman spectra of the Si—C and the Si—C—O
fibres contain inconsistent features: as-expected, the
vibration bands of the spectrum of the Si—C fibre are
sharper than those for the Si—C—O fibres, due to the
better organization state of the free carbon phase.
Conversely, the I

1600
/I

1350
ratio is unexpectedly low

for the Si—C fibre. This phenomenon is not yet under-
stood. It might be related to the different microstruc-
tures of the carbon phases in the two types of fibre as
discussed previously.

The spectra of the fibre at increasing ¹
1

(Fig. 24)
illustrate the progressive organization of the carbon
already observed by TEM which results in (i) a slow
decrease in intensity of the 1350 cm~1 peak, (ii) a more
pronounced decrease of the E

2'
peak width and (iii)

some splitting of the doublets at 1580—1600 cm~1

whose 1580 cm~1 component intensity increases.
A third peak at 800 cm~1 assigned to silicon carbide
clearly appears for ¹

1
*1400 °C whose intensity in-

creases with ¹
1
, owing to the coarsening of b-SiC.

4.1.3. Changes in the electrical properties
It appears from the measurements on the as-received
Hi-Nicalon fibre (rB1 )~1 cm~1 at ambient) that the
component controlling the electrical behaviour is ob-
viously the free-carbon rather than the b-SiC phase. In
fact, r currently ranges from 1—100 )~1 cm~1 for
nanocrystalline carbons resulting from the carboniz-
ation of aromatic hydrocarbons [41, 60], whilst it is
only about 10~5 )~1 cm~1 for polycrystalline SiC, at
ambient.

The as-received fibre exhibits a semi-conducting
behaviour. This feature is also commonly encountered
in carbon materials. Such a behaviour can not be
explained by a classical crystalline semi-conducting
model (graphite behaves as a semi-metal), but rather
by the Mott-CFO model (from Cohen, Frische and
Ovshinsky), which involves an apparent semi-con-
ducting behaviour with an apparent activation energy
(as determined from r measurements), for amorphous
or partially organized materials [60]. Non-crystalline

carbons can be described as a mixture of two phases;
the former is made of stacked carbon layers, long
enough to be conductive, whereas the latter is insulat-
ing (poorly organized carbon, pores, spacing between
the hydrogenated periphery of aromatic domains).
The ‘‘coalescence’’ of the conductive domains, ob-
served during the heat-treatments at increasing tem-
perature, gives rise to a fast increase in conductivity
according to a percolation effect [60].

On the basis of the variations of the electrical be-
haviour of carbon materials as a function of the heat-
treatment temperature and of the previously described
structural and textural changes in the fibre, the electri-
cal properties of the fibre can be discussed as follows:

The electrical conductivity (r) increases after a heat
treatment at a temperature as low as 1200 °C, whilst
no apparent chemical or structural changes were ob-
served (Fig. 27). This feature might be related to
a small release of residual hydrogen, although the fibre
is thought to have been prepared at a higher temper-
ature. When the remaining hydrogen atoms, located
at the boundary of the carbon domains (at the periph-
ery of the aromatic layers) are released, the mobility of
the free charge carriers through the intergranular car-
bon phase is improved according to the mechanism
described above. This does not necessarily result in
an apparent organization of the texture of the free
carbon.

The conductivity continues to increase and the
apparent activation energy decreases between
1200—1400 °C, probably as a result of the organization
of the free carbon phase (as observed by TEM and
RSMA). From a structural point of view, these fea-
tures result in (i) a collapse of pores and a densification
and (ii) in an increase of the size of the conductive
carbon domains, in agreement with the percolation
effect reported for carbon materials.

For ¹
1
"1600 °C (t

1
"1 h) r still increases as the

carbon crystallites grow slightly in length and thick-
ness. An evolution of r is also noticed for increasing
the annealing time (t

1
"10 h) and it becomes nearly

temperature independent similar to graphite mater-
ials.

4.1.4. Mechanical changes
The thermal stability of the PCS-derived fibre is great-
ly improved by the use of an oxygen-free curing pro-
cess, both from a chemical and structural point of
view. In fact, the failure strength (rR) at room temper-
ature of the fibres is unchanged for ¹

1
)1400 °C, and

a slight decrease is only noticed (B15%) after
a 1600 °C/1 h annealing treatment. As a comparison,
the failure strength of Si—C—O fibres drops after an-
nealing at temperatures as low as 1200 °C for t

1
"1 h,

or even 1000 °C for t
1
"10 h, owing to the decomposi-

tion of the SiO
9
C

:
phase [13—16].

Despite the low oxygen content of the Si—C fibre
a decomposition takes place at the fibre surface, re-
sulting in a silicon depleted layer and SiC crystal
growth. These features are thought to induce the
formation of surface flaws of large size and thus, a de-
crease of rR. The Young’s modulus of the as-received

Si—C fibre is much higher than that of the Si—C—O
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fibres (285 GPa versus 200 GPa). This correlates with
the fact that (i) the fibre contains larger amounts of
better organized crystalline phases (SiC and free-car-
bon) and (ii) the compliant SiC

9
O

:
amorphous phase

is almost no longer present in the Si—C fibre. Only
a small change in E is observed after annealing at
increasing ¹

1
. A slight increase for ¹

1
*1200 °C

could be assigned to the densification of the fibre.

4.2. Thermal behaviour under an oxidizing
atmosphere

The oxidation behaviour of silicon-based materials
has been widely studied for many years [62—74]. They
are characterized by a good oxidation resistance
under high oxygen pressures owing to the formation
of viscous silica at the surface of the material which
limits the oxygen diffusion. Within the passive regime,
the kinetics of growth of the oxide layer are usually
reported to obey a parabolic law. Such a time depend-
ence indicates that, similar to pure silicon [62], the
oxidation of SiC is controlled by molecular-oxygen
diffusion through the growing silica layer [75].
Oxidation kinetics are subjected to large variations,
and, unexpectedly, to highly variable thermal depend-
ences (activation energies currently ranging from 80
—500 kJ mol~1). This discrepancy is thought to be
related to the different nature of the studied materials
(single crystals or polycrystalline (CVD or sintered)
SiC).

Only a few authors have investigated the oxidation
kinetics of SiC fibres, in air or dry oxygen [69—74].
Filipuzzi and Naslain [71] and also Shimoo et al. [72]
established from TGA experiments that a parabolic
law is obeyed for the oxidation of Si—C—O fibres with-
in the temperature range of 800—1200 °C. Beyond
1200 °C, the crystallization temperature of the oxide
film, the formation of microcracks and the thermal
metastability of the Si—C—O fibres enhance the oxida-
tion kinetics. Activation energies derived from para-
bolic kinetic constants are lower (70—80 kJ mol~1 [71]
or 137 kJ mol~1 [74]) than those generally reported
for pure SiC. This behaviour could be related to the
diffusion of residual hydrogen from the bulk of the
fibre, through the silica scale and/or to the formation
of a porous oxide [71].

The oxide film remains smooth, apparently crack-
free and adhesive for 1000)¹)1400 °C (Fig. 13).
The thickness of the silica is constant along the fibre
(when e)1 lm) indicating that oxidation was not
locally favoured by flaws, from the fibre or within the
oxide layer (bubbles, cracks).

At 1000 °C, the silica is amorphous. Crystallization
starts at 1200 °C and mainly yields a-cristobalite. The
crystallization of silica is generally reported to occur
at a temperature close to 1400 °C [64]. Such unex-
pected behaviour at a temperature as low as 1200 °C,
might be related to the presence of traces of Al, Ca,
Na, Mg in ex-PCS fibres [10], which are known to
enhance crystallization [64, 65] and are also reported
to increase the oxidation rate [66, 67]. The volume
change and viscosity loss occurring during the

transition apparently do not affect the protective
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barrier to oxygen diffusion of the oxide film for
¹)1400 °C and t)15 h (Fig. 13b).

An increase of the volume of oxidized filaments is
noticed during the growth of the silica. The product
(silica) to reactant volume ratio (*) is equal to 1.66,
indicating that the expanding oxide scale has the capa-
bility of covering the substrate in a continuous man-
ner. Despite crystallization, the oxide layer is thought
to be viscous enough at 1400 °C, to release mechanical
stresses and thus, to maintain a protective covering.

This is apparently no longer true for ¹'1400 °C
(Fig. 14). The silica thickness is much higher (reaching
few lm) and comprises several debonded concentric
layers. The texture of the oxide layer is thought to
have been formed at high temperatures rather than
during the fast cooling (irregular cracks would have
been visible). The oxidation kinetics are probably too
fast and the viscosity of the oxide, enhanced by crys-
tallization, too high for the stresses induced by the
volume change to be released.

The growth kinetics of the silica layer on the Si—C
filaments in dry oxygen obey a parabolic law in the
temperature range 1000—1400 °C for t)15 h (Fig. 12)
and the kinetic constants (K

T
) are close to those ob-

tained for the oxygen-cured fibre, within the range
1000—1200 °C [71]. One should notice that a para-
bolic law is still obeyed up to 1400 °C for the Si—C
fibre, whereas this is no longer true beyond 1200 °C for
the Si—C—O Nicalon fibre [71, 72]. This feature is
related to the higher thermal stability of the oxygen-
free fibres.

A parabolic law is ruled-out for ¹'1400 °C or is
only observed for a short period (t(2—3 h) at
¹"1500 °C. The kinetics of growth of the oxide layer
become apparently linear for ¹"1500 °C and
t'3 h, suggesting that the layer is no longer protec-
tive. This feature correlates with the formation of
a discontinuous and unprotective oxide layer as a con-
sequence of the stresses induced by the volume cha-
nges during the oxidation of the ceramic and the
crystallization of the silica layer. Oxygen diffusion is
made easier and therefore, dramatically enhances the
oxidation rate.

Oxidation kinetics are thermally activated (Equa-
tion 3), for various Si-based materials. Equation 3
is obeyed within the 1000—1400 °C temperature range
(Fig. 15). The apparent activation energy (E

!
"

107$4 kJ mol~1) is lower than that reported by
Shimoo et al. for a similar material (234 kJ mol~1

[74]), but is similar to those found for Si—C—O
fibres (80—137 kJmol~1 [71, 72]) or pure silicon
(117 kJ mol~1 [62]).

This E
!

value suggests that the oxidation mecha-
nism for low oxygen Si—C fibres within the temper-
ature range 1000—1400 °C, is also controlled by
permeation of molecular oxygen through the growing
oxide film (E

!
"113 kJmol~1). Nevertheless, the kin-

etic constants at a given temperature, are higher, and
the E

!
values are much lower for the Si—C fibres

than those reported for pure polycrystalline SiC
(150—300 kJmol~1). The oxidation behaviour of the
latter is complicated by the presence of dopants (sin-

tering aids) and the propensity for crystallization of



the oxide film. Costello and Tressler found E
!
values as

low as 120 kJmol~1 for the oxidation of (0001) Si face
in a SiC single crystal (the crystal face exhibiting the
highest oxidation rate) and 140 kJmol~1 for thermally
deposited SiC (CNTD) [65]. These oxidation data are
very similar to those observed for the Si—C fibres.

5. Conclusion
Oxygen-free fibres ((1 at%) prepared according
to a spinning/electron-beam curing/pyrolysis process
consist of a mixture of b-SiC nanocrystals of about
5 nm in average size (2—15 nm) and free carbon. The
carbon phase consists of stacked carbon layers,
2—3 nm in extension (¸

!
) with B5 layers by stack. (7—8

layers are also observed). The carbn stacks are aggreg-
ated edge-to-edge between the SiC crystals, where they
usually lie flat on their faces, building a carbon net-
work along the fibre.

With respect to the Si—C—O fibre, this microstruc-
ture gives rise to original properties such as improved
density (2.77 versus 2.56 g cm~3), stiffness (285 versus
200 GPa) and electrical conductivity (B1 versus
10~4 )~1·cm~1). The Si—C fibres clearly show a much
greater thermal stability due to the absence of the
unstable SiO

9
C

:
phase.

However, despite the chemical stability of the fibre,
a slight structural evolution of both SiC and free car-
bon occurs within ¹

1
"1200—1400 °C and improves

with increasing t
1

and ¹
1
. Residual oxygen is thought

to be partly responsible for the b-SiC grain growth
through the formation of silicon and carbon monoxide
species. As ¹

1
is raised, a b-SiC grain growth is

observed. Simultaneously, the small carbon layer stacks
are observed to organize into larger distorted domains
(¹

1
*1400 °C) and along the c-axis, into thicker stacks

at higher temperatures (¹
1
*1600 °C).

A moderate decomposition is also observed beyond
¹

1
"1400 °C at the fibre surface, in the form of a car-

bon enriched layer. This layer which is observed to
increase in thickness with t

1
and ¹

1
could be related to

an active oxidation mechanism, involving an evolu-
tion of silicon and carbon monoxides. This phenom-
enon might be responsible for the formation of surface
flaws and the strength decrease of the fibres observed
beyond ¹

1
"1600 °C.

The Si—C fibres have almost the same oxidation
resistance as the Si—C—O fibres but a parabolic growth
law for the silica thickness is obeyed up to 1400 °C for
the former, whereas it is no longer true beyond
1200 °C for the latter. For ¹

1
"1500 °C, the silica no

longer protects the fibre and a parabolic law is no
longer valid.

Appendix: Calculation of the silica layer
thickness of oxidized
filaments from TGA data

(I) Definition of coefficients and data relating to as-
received and oxidized fibres
(a) Silica coefficients
Let M

S*
and M

S*O
be the silicon and silica molar
Èmasses, and d
S*OÈ

, the silica density, respectively.
(b) As-received fibre data
Let m

0
, r

0
, d and C

S*
be the starting mass, average

radius, density and silicon mass concentration of the
as-received fibre.
(c) Oxidized fibre data
Let *m, r

%
, r

*
and e be the mass variation, the external

radius, the radius of the non-oxidized core of the fibre
and the silica thickness.

(II) Calculation of the silica layer thickness
The relative mass variation is defined according to the
equation:

*m

m
0

"A
r
i

r
0
B
2
·A1!

d
S*OÈd B#A

r
%

r
0
B
2
·
d
S*OÈd

!1

(A1)

furthermore, the silicon mass into the oxidized fibre is
equal to that into the formed silica. Then

p ·C
S*
· (r2

0
!r2

*
) ·d"p ·

M
S*

M
S*OÈ

· (r2
%
!r2

*
) ·d

S*OÈ

or:

C
S*
!

M
S*

M
S*OÈ

·
d
S*OÈd

·A
r
%

r
0
B
2

#A
M

S*
M

S*OÈ

·
d
S*OÈd

!C
S*B ·A

r
*

r
0
B
2
"0 (A2)

If A and * are defined by

A"C
S*
·
M

S*OÈM
S*

and *"A ·
d

d
S*OÈ

(* being the Pilling—Bedworth factor i.e., the volume
ratio of formed silica and oxidized material), r

%
and

r
*
can be inferred from Equations (A1) and (A2). Then

A
r
*

r
0
B
2
"1#

1

(1!A)
·
*m

m
0

A
r
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r
0
B
2
"1#

(1!*)

(1!A)
·
*m

m
0

and finally:

e"r
%
!r

*

Note that for low *m/m
0
values, e can easily be written

as

eB
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2
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·
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